Achieving the societal goals of reduced emissions and increasing energy efficiency is driving the development of new materials in two directions. One direction is lightweight materials (Mg ). Among the emerging class of "high entropy alloys" [6][7][8][9][10][11][12] , some body-centered-cubic (BCC) HEAs have recently been shown to possess exceptional strengths at temperatures up to 1900K (6, 7), far above the limits of ∼1100K for existing superalloys (Figure 1 ). These BCCHEAs combine the refractory elements Mo, Nb, Ta, V, and/or W at near equal concentrations with the different atom types occupying the crystalline BCC lattice sites at random 13 . The underlying physical origins of this enabling behavior in these high-complexity alloys are unknown. The possibility of discovering new compositions with even better performance is intriguing. Here we show that the motion of edge dislocations through the BCC structure is strongly inhibited by the large energy barriers created by natural fluctuations in the random alloy and that edge dislocations are predicted to control the strength in these refractory BCC HEAs at high temperatures ( Figure 1 ). This is surprising because non-screw dislocations play essentially no role in the strengthening of BCC metals and dilute alloys, and screw dislocations control strength in some other types of BCC HEAs. The theory enables a search over >600,000 compositions in the Mo-Nb-Ta-V-W family to identify new alloys predicted to have even higher strength or strength/weight ratios. Many other compositions with comparable strengths are predicted, and can satisfy additional perfor-1 arXiv:1901.02100v2 [cond-mat.mtrl-sci] 14 Jan 2019 mance requirements. Overall, these insights and theory open a new direction for theory-guided design of advanced high-temperature materials based on the high-entropy concept.
). Among the emerging class of "high entropy alloys" [6] [7] [8] [9] [10] [11] [12] , some body-centered-cubic (BCC) HEAs have recently been shown to possess exceptional strengths at temperatures up to 1900K (6, 7), far above the limits of ∼1100K for existing superalloys ( Figure 1 ). These BCCHEAs combine the refractory elements Mo, Nb, Ta, V, and/or W at near equal concentrations with the different atom types occupying the crystalline BCC lattice sites at random 13 . The underlying physical origins of this enabling behavior in these high-complexity alloys are unknown. The possibility of discovering new compositions with even better performance is intriguing. Here we show that the motion of edge dislocations through the BCC structure is strongly inhibited by the large energy barriers created by natural fluctuations in the random alloy and that edge dislocations are predicted to control the strength in these refractory BCC HEAs at high temperatures ( Figure 1 ). This is surprising because non-screw dislocations play essentially no role in the strengthening of BCC metals and dilute alloys, and screw dislocations control strength in some other types of BCC HEAs. The theory enables a search over >600,000 compositions in the Mo-Nb-Ta-V-W family to identify new alloys predicted to have even higher strength or strength/weight ratios. Many other compositions with comparable strengths are predicted, and can satisfy additional perfor-mance requirements. Overall, these insights and theory open a new direction for theory-guided design of advanced high-temperature materials based on the high-entropy concept.
The yield strength of BCC pure metals 14 is well-understood in terms of the motion of screw dislocations via thermally-activated double-kink nucleation. While the strength is very high (1) (2) at T=0K due to the nucleation barrier, it decreases quickly 15 to 100-200 MPa at T 300K. In low-to-moderate concentration binary alloys, the strength increases significantly at low T because, although double-kink nucleation is easier, kink glide becomes strongly inhibited 16;17 . Glide on different available glide planes also leads to strengthening via jog/dipole formation. These features are contained within a new theory for screw motion in BCC alloys of arbitrary complexity 18 , and also the classical screw model of Suzuki 16 , capturing experimental trends. Figure 2a shows the predicted critical resolved shear strength (CRSS) for screw motion in Nb 1−x Mo x versus temperature up to x = 25% along with the data of Statham et al. 20 ; the agreement is very good. TEM observations in both Nb 1−x Mo x and the classic Fe 1−x Si x , x ≤ 9% alloy indeed reveal that the strength is controlled by screw motion. However, both Statham et al. 20 and Caillard 19 report that edge dislocations have decreasing mobility (higher strength) with increasing solute content. Quantitatively, Caillard 19 even estimates a CRSS of 125 MPa for the edge dislocation in Fe-9%Si as compared to 200 MPa for the screw dislocation. Figure 2b shows CRSS predictions of the new edge theory introduced here to Nb 1−x Mo x up to x = 50%, showing that the edge strength is indeed increasingly competitive with the screw strength with increasing temperature and concentration. Theory is thus fully consistent with the stated conclusions of Statham et al. 20 in this alloy. Recent studies on HEAs in the BCC Ti-Zr-Hf-Nb-Ta family also provide evidence of the increasing importance of edge dislocations. X-ray line analysis at low plastic strains in TiZrHfNbTa 21 indicates dominance of edge dislocations at the start of plastic flow. TEM studies 32 show screw dislocation dominance at larger plastic strains, but new observations at elevated temperatures (∼773K) 22 show dislocations with considerable curvature and a viscous motion, indicating a loss of strong screw dominance (although the jogs on the screws remain prominent). In new work on Ti 50 Zr 25 Nb 25 at room temperature 23 , Mompiou et al. show that edges are also sluggish, becoming comparable in strength to screw dislocations. Specifically, they measure a velocity of 28.5 nm/s for edge dislocations and 4.5 nm/s for screw dislocations, a difference that corresponds to only a small difference in stress levels needed to drive the dislocations. Predictions of the edge strength in Ti 50 Zr 25 Nb 25 are shown in Figure 2c , and are within the range of experiments indicating that edge strength is comparable to screw strength.
Other evidence for the role of the edge dislocation in the strengths of BCC HEAs also exists. Yield strengths have been correlated with solute misfit volumes 24;25 ; this is a hallmark of edgedominated strengthening. Furthermore, first-principles and interatomic potential computations of solute/screw interaction energy in the refractory metals show no correlation with solute misfit volumes. To explain other experiments in BCC alloys, simplified versions of the Suzuki model 17;26 invoke an athermal stress operative at elevated temperatures and attributed to a vague "solute pinning"; this is precisely what the transition to edge dislocation dominance achieves. Thus, while never previously considered as relevant in BCC alloys, there is unambiguous experimental support in both old and new literature for the emergence of edge dislocation motion as important in high concentration/complex BCC alloys especially at higher temperatures.
We now apply the same screw and edge theories to the HEA alloys MoNbTaW and MoNbTaWV of interest here (Figure 2d ). The screw theory material parameters are fit to match the uniaxial tensile experiments at T=300K. Then, although both (fitted) screw and (parameter-free) edge theories agree with experiment at T=300K, the screw strength is far lower than experiments at higher T. Edge dominance emerges at moderate temperatures and accurately predicts the hightemperature behavior in these alloys (also see Figure 1 ). Furthermore, the screw theory predicts almost no difference in performance between MoNbTaW and MoNbTaWV while experiments and the edge theory both show that the 5-component alloy containing V is notably stronger than the 4-component alloy. The latter result is surprising since V has the lowest melting point among all the constituent elements, which would normally suggest that V-containing alloys have lower strengths at high T. The high strength of the edge dislocation, and its dominance over the screw dislocation at higher temperatures, is unexpected. But the edge dislocation is essential for understanding the high retained strength in the MoNbTaW and MoNbTaWV HEA alloys.
Having presented evidence for edge dislocation control of the high temperature strength in the Mo-Nb-Ta-V-W HEAs, we now present the specific parameter-free theory. We consider a general N-component alloy with concentration c n of the n th element ( N n=1 c n = 1). Following ideas previously thought applicable only to FCC metals 27 , we envision the edge dislocation as existing in the average alloy that is the effective "matrix" for the true random alloy. Every individual atom is then considered as a solute in the average matrix -the alloy is thus effectively at 100% solute concentration. The solutes (n = 1, ...N ) have, for instance, misfit volumes ∆V n in the average alloy matrix. These solutes interact with the dislocation in the average matrix. The interaction energy between the dislocation, centered at the origin and aligned along z, and a solute of type n at position x i , y j is denoted as U n (x i , y j ) (e.g. Fig. 3b for Nb in NbTaV).
In the true random alloy, the dislocation minimizes its total energy by adopting a wavy configuration (Fig. 3a) . For a wavelength 4ζ and amplitude w, the total dislocation energy consists of the potential energy of interactions with all of the random solutes plus the elastic energy due to the line tension Γ of creating a wavy dislocation line, and can be written as
where
is the standard deviation of the potential energy change per unit dislocation line when the dislocation glides a distance w, arising from the change in local random solute environment around the dislocation. Minimizing the total energy with respect to ζ and w leads to a characteristic length ζ c and amplitude 2w c (SI4). In the minimum-energy configuration, dislocation segments of length ζ c reside in local energy minima, with local energy maxima at a distance of ≈ w c along the glide plane. The dislocation motion is then controlled by the stress-assisted, thermally-activated motion of these dislocation segments over the local energy maxima into the next local energy minima along the glide plane. The theory then predicts (i) the energy barrier ∆E b to escape at zero applied shear stress and (ii) the zero-temperature shear stress τ y0 at which the energy barrier is reduced to zero. Inputs to the theory are only the interaction energies {U n (x i , y j )} and the dislocation line tension Γ (SI6). At finite temperature and strain rate, standard thermal activation theory 26;28 yields the initial yield stress at temperature T and strain rateε as
whereε 0 = 10
is the estimated reference strain-rate
27
. A more accurate result applies for τ y /τ y0 < 0.5 (SI1).
We now validate the edge theory against atomistic simulations of edge motion at T=0K on alloys in the Mo-Nb-Ta-V-W family. We use the full solute/dislocation interaction energies U n (x i , y j ) for all solute types and all positions (x i , y j ) computed directly by substituting the solutes into the average matrix material containing the edge dislocation (e.g. Figure 3b for Nb in NbTaV). The line tension is Γ = αµb 2 with α = 1/12 (27). Figure 4 shows the strength predictions at T=0K for a range of alloys versus the simulated strengths. The agreement, with no adjustable parameters, is very good across all alloys. The height-height correlation function of the initial relaxed simulated dislocation provides an estimate of the intrinsic length scales ζ c and w c (e.g. Fig. 3a ) and agrees well with the theory values (SI4). The predicted energy barriers are all very high, ∆E b ≈ 2.7 − 3.2 eV, leading to high predicted retained strengths at very high temperatures (see below). These parameter-free results fully support the huge strengthening of, and thus the unexpected role of, edge dislocations in these BCC HEAs.
We now make predictions for Mo-Nb-Ta-V-W alloy compositions studied experimentally from 296K-1900K. The solute/dislocation interaction energies U n (x i , y j ) (negative when attractive) are computed by an elastic misfit term plus a chemical interaction, for sites near the highly distorted dislocation core, as
Here, p(x i , y j ) is the pressure field (positive in compression) generated by the dislocation structure in the average alloy matrix (e.g. Figure 3c ). The misfit volumes are computed using Vegard's Law, which is validated both experimentally and using DFT on both MoNbTaW and MoNbTaVW. The chemical corrections U in NbTaV is shown in Figure 3d as an example. Details are provided in SI2. We study the experimentally-measured average (not nominal) compositions for each alloy. All properties are shown in Supplementary Table 1. Uniaxial yield stress in an untextured BCC polycrystal controlled by edge glide is computed as σ y = M τ y (M=3.067). The elastic moduli of Mo, Nb, Ta, V, and W are fairly insensitive to temperature up to 1900K (10-15% decrease [29] [30] [31] ) and so we neglect temperature dependence of the alloy moduli. We neglect possible strengthening effects due to grain-size and the actual dendritic/interdendritic as-cast microstructure (but see SI5). Figure 4 shows very good agreement between predictions for the Mo-Nb-Ta-V-W alloys studied experimentally to date at T=296K and at the experimental strain rates. There are no adjustable parameters in the predictions. The theory rationalizes several features seen in the data. First, the alloy with V is comparatively stronger because V has the largest misfit volume and so is the most potent strengthener. Second, the alloys differing only by changing Mo to W have nearly the same strength because Mo and W misfit volumes are similar and alloy moduli changes are small. The theory also predicts an activation volume V act ∼ w c ζ c b directly reflecting the underlying material length scales w c and ζ c (SI4). For MoNbTaW at T=296K, we predict V = 42b
3
, which happens to be in the range of other BCC alloys controlled by screw motion 20;32 . Thus, even at low T in the region where edge and screw strengths may be comparable, the edge model provides good agreement with experiments.
As introduced earlier, Figures 1 and 2d show the predictions versus experiments for the MoNbTaW and MoNbTaVW alloys (at actual experimental compositions) versus temperature up to T=1900K. The strength retention arises from the large zero-stress energy barriers (∆E b = 2.9 eV, 3.4 eV) created by the dislocation relaxation into a wavy low-energy structure in these random alloys. The predictions are weakly dependent on the line tension constant α, especially above 900K (SI6). The experiments show a plateau in yield strength in the range 900K-1300K not predicted by the theory; one possible explanation is given in SI7. These results show that the edge strengthening agrees well with the measured high temperature behavior.
Unlike superalloys (Figure 1 ), these BCC HEAs do not show a precipitous drop in strength at high T. The present edge strengthening mechanism rationalizes this result. The strength is intrinsic to the nature of the atomic-scale complexity of the HEA alloy and does not rely on mechanisms that can be easily defeated by high-temperature diffusional/dislocation-climb processes. Thus, the dislocations must move through the random alloy itself -there are no easy paths of dislocation motion that can circumvent the large barriers that are responsible for the strengthening. In contrast, the high-temperature stength of the screw dislocation is dominated by pinning due to jogs. Jog strengthening is defeated at high temperatures by thermal vacancies that eliminate the high energy barrier for self-interstitial creation that control the jog strength.
The edge theory can now be used to search for other high-strength and high-strength/weight compositions in the Mo-Nb-Ta-V-W family. To enable rapid screening over the entire 5-component composition space, we first use only the misfit energy contribution U n (x i , y j ) = p(x i , y j )∆V n . The theory then becomes analytic (SI1). We then use the accurate Vegard's law and a rule-of-mixtures estimate for the misfit volumes and elastic moduli, respectively (Supplementary Table 1 ), enabling a search over > 6 × 10 5 compositions differing by at least 1.6at.%. These results lead to estimated relative strengths and strength/weight ratios at T=1300K as shown in Figures 5a,b. Thousands of compositions are within ∼ 10% of the strongest alloy, and many alloys near the maximum strength/weight are also near the maximum strength. The full theory is then used to accurately compute the strength versus temperature for the estimated highest-strength alloys in the Ta-V-W, Mo-Nb-Ta-V-W, and Mo-Nb-V families (Figures 5c,d ). We predict that the new alloys will have higher strength (Ta 31.7 V 26.6 W 41.7 , Ta 31.7 V 41.7 W 26.6 ) or strength/weight ratio (Mo 46.7 Nb 30.0 V 23.3 ) than the existing 5-component alloy. This demonstrates the power of the theoretical framework for property prediction in such complex alloys.
The prediction of a wide range of compositions that match or exceed the strengths of existing alloys (Figures 5) opens avenues for optimization across a much broader range of properties such as oxidation resistance, diffusional creep, and ductility, while maintaining high-temperature strength. With suitable models, optimization can be performed to discover alloys having the desired mix of properties. Mechanical property optimization can also be combined with thermodynamic models to avoid compositions where undesirable intermetallic phase formation is predicted [33] [34] [35] [36] , thus allowing for simultaneous computationally-guided design of performance and processing of new alloys. Together with an associated model for strengthening of screw dislocations
18
, the models present a framework for analyzing BCC HEAs across all families and all temperatures.
Finally, to facilitate application of the full theory, we have used the form of the elastic theory but adjusted the numerical prefactors to match predictions of the full theory across all alloys studied here. The resulting analytic theory is (SI1) τ y0 = 0.0407α
where b is the alloy Burgers vector andμ andν the alloy isotropic elastic constants. The numerical prefactors have been fitted to full theory calculations with standard deviation 4% for strength and 2.6% for the energy barrier (SI1). The above formulas along with Eq. (3) can be easily applied to provide guidance of the composition-dependence of the strength versus temperature. In summary, a mechanistic parameter-free theory quantitatively captures the exceptional high flow stresses from T=0K-1900K of Mo-Nb-Ta-V-W High Entropy Alloys. The trapping of dislocations in statistically-favorable random solute environments creates intrinsic large energy barriers for the edge dislocation motion. The nature of this trapping of the dislocations makes these alloys robust against typical high temperature softening mechanisms. A reduced analytic version of the theory enables rapid screening across the entire composition space, leading to the identification of new promising alloys. This opens avenues for computationally-guided multiproperty optimization and discovery of new high-performance materials. . EAMtype interatomic potentials 39;40 for the Nb, Ta, and V elements in this ternary system yield screw dislocations that have the correct non-polarized core of BCC screw dislocations. An averageatom NbTaV potential 41 that represents the average ternary alloy also has the non-polarized core. Simulations of the screw dislocation structure and motion follow standard methods
42
, but require very large cells. With X=glide direction, Y=normal to the glide plane and Z=line direction, we use X=54.8 nm, Y=23.7 nm, Z=83.9 nm typically corresponding to ∼ 6.5 · 10 6 atoms. For the edge dislocations, cell sizes are X=56 nm, Y=14 nm, Z=110 nm (∼ 5 · 10 6 atoms). In both cases, very long dislocation lines (>> ζ c ) are needed to capture the fluctuations in dislocation motion in the random alloy. The T=0K yield strength is computed by applying stress in 25 MPa increments and relaxing the system. Yield occurs when the dislocation has travelled a distance of w c /2 or larger after relaxation.
Solute-dislocation interaction energies are computed using the average-alloy dislocation cores in simulation cells (14 nm x 14 nm x 3 nm). Each elemental atom (solute) is inserted into each possible unique atomic position (x i , y j ) around the dislocation (within one periodic length along z). The interaction energy U n (x i , y j ) for solute n is computed by measuring the energy of the fully-relaxed cell and subtracting the energy of a single solute in an infinite perfect crystal. DFT methods and results are presented in SI3. The theory and screening are implemented in MATLAB, and all figures are generated using MATLAB.
Data availability
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SI -Theory of strengthening in BCC high entropy alloys
In this work, we apply the theory of strengthening for high entropy alloys presented in Ref.
27 to BCC high entropy alloys. The theory was originally envisioned to apply only to FCC alloys and other materials with low intrinsic Peierls stresses, but becomes relevant for BCC alloys because strengthening is not controlled by the mechanisms typical of BCC elemental metals and dilute alloys. By starting from an effective medium matrix, the theory first averages out the effects of all the solutes and then reintroduces the effects of solute fluctuations in attracting and repelling a dislocation. The theory considers all possible scales of fluctuation (ζ, w) in the random alloy, limited only by scales where line tension is suitable for evaluating the elastic energy S1 of the non-straight dislocation configurations. The theory then naturally identifies that there are mesoscale collective concentration/structural fluctuations on the scale of (ζ c , w c ) that create the dominant energy barrier controlling the yield stress S2 in the random alloy. The dislocation does not respond to smaller-scale fluctuations because they are energetically more costly, even though such fluctuations certainly exist.
The random distribution of solutes in the lattice lead to local fluctuations in the solute concentrations. The dislocation is attracted to fluctuations that lower the system energy and is repelled by fluctuations that increase the system energy. A long dislocation line therefore adopts a wavy configuration as it finds energetically-favorable regions of solutes, with the waviness S1 arXiv:1901.02100v2 [cond-mat.mtrl-sci] 14 Jan 2019 constrained by the energy cost of increasing the dislocation line length and curvature (i.e. constrained by line tension). A characteristic waviness thus emerges, which we denote by amplitude w c and wavelength 4ζ c , which is the scale at which the total system energy is minimized. These scales are established by determining the total system energy for a wavy dislocation of arbitrary amplitude w and wavelength 4ζ and then minimizing that total energy with respect to ζ and w. In the minimized state, dislocation segments of length ζ c reside in local minimum energy positions (locally favorable solute fluctuations) and these segments are connected to one another along the continuous dislocation line by additional segments of length ζ c to form the overall wavy structure. w c is the distance between consecutive local minima and maxima of the fluctuation energy, so that local minima are typically separated by 2w c . This leads to a wavy structure with amplitude (min to max along the glide plane) of 2w c and wavelength 4ζ c . Dislocation motion occurs by thermal activation of the ζ c segments residing in the local minima over the adjacent local maxima, which are typically at a distance of w c . An applied resolved shear stress reduces the barrier for thermal activation, and the zero-temperature flow stress is the stress at which the barrier is zero such that athermal motion can occur.
A full derivation of the theory can be found in Ref. 27 and this general solute strengthening theory is discussed, including historical context, in Ref. S3 . Here, we summarize the salient results. A key energy scale for the wavy dislocation is
where U n (x i , y j ) is the average interaction energy of solute n over all local random environments along the dislocation line direction. The total energy (potential energy due to solutes plus elastic energy due to bowing) of a dislocation of length L is, for arbitrary ζ and w,
Minimization of Eq. (S2) with respect to ζ is analytic and yields
Subsequent minimization with respect to w then identifies w c . The total energy barrier ∆E b for the segments of length ζ c within local minimum energy locations is
To glide, the dislocation must overcome the barrier ∆E b by thermal activation but assisted by the work −τ bζ c x done by an applied resolved stress τ on the length ζ c segment as it glides a distance x relative to the minimum energy position. For a sinusoidal energy landscape, the stress-dependent energy barrier is
where τ y0 is the zero-temperature flow stress, given as
The theory also predicts an activation volume V = At stresses τ < τ y0 , and for quasi-static loading, the plastic strain-rateε is related to the energy barrier through a thermally-activated Arrhenius model 26, 28 :ε =ε 0 exp (−∆E(τ )/kT ). Combining this with Eq. (S5), leads to the finite-temperature, finite strain-rate flow stress τ y (T,ε) as
which holds for low temperatures and high stress (τ y /τ y0 > 0.5). Here,ε 0 is a reference strainrate that can be estimated asε 0 = 10
(27). For higher temperatures/lower stress (τ y /τ y0 < 0.5), the dislocation can explore higher wavelengths and hence the following relation holds
In comparisons to simulations, we use the full interaction energy as computed for the model EAM potentials used in the simulations (e.g. Fig. 3b ). For comparisons with experiments, we use interaction energies that combine an elasticity estimate U n (x i , y j ) = −p(x i , y j )∆V n and an additional chemical contribution computed using the EAM potentials. The dislocation line tension can be expressed generally as Γ = αµb 2 , and is dominated by elasticity (although there are core energy contributions relevant at very small lengths). Prior work in FCC materials suggests α = 1/8 − 1/16 and we use the value α = 1/12 here (see dependence of results on α in Supp. Info. 6). The theory thus has no adjustable parameters.
We can reduce/simplify the theory by using only the elasticity approximation U n (x i , y j ) = −p(x i , y j )∆V n .
The dislocation pressure field p(x i , y j ) can be written as
f (x i , y j ) where f (x i , y j ) is a dimensionless anisotropic pressure field generated by the distribution of normalized Burgers vector along the glide plane (see Fig. 3c ) withμ andν the isotropic elastic constants introduced for scaling. Inserting these into Eq. (S1), the key energy in the theory becomes
S3
where ∆f ij (w) = f (x i − w, y j ) − f (x i , y j ). The quantity n c n ∆V 2 n emerges as the crucial misfit volume quantity. The minimization to obtain w c is then determined only by the dislocation core structure through the quantity ∆f ij (w), independent of the solute properties. This is a very revealing result, due to its generality and separation of the problem into misfit volumes and, independently, the dislocation core structure of the average matrix. However, it is not necessarily quantitatively accurate.
When using the elasticity approximation (Fig. 3c) , the key quantities are reduced to τ y0 = 0.051α
where f τ and f
∆E
are dimensionless constants related to the normalized pressure field of the dislocation and emerging from the minimization process.
While performing optimization, we assume a constant core structure and hence f τ and f
constant across alloys, and thus the strength and energy barrier scale as τ y0 = 0.0407α
whereμ,ν are the isotropic alloy elastic constants and b is the alloy Burgers vector, calculated using Vegard's law to determine the alloy volume. The prefactors 0.0407 and 2.22 for the yield stress and the energy barrier have been fitted to all full calculations with standard deviations 4% and 2.6%, respectively. This simplified theory thus depends only on elastic moduli and misfit volumes. In all equations, the alloy shear modulus is µ = 1 2C 44 (C 11 −C 12 ), the bulk modulusB = (C 11 + 2C 12 ) and henceν = 3B−2µ 2(3B+µ)
.
SI -Interaction energy calculations
In the theory of strengthening for BCC alloys used here, the key energy scale controlling the dislocation waviness and the escape stress from low to high temperature is the quantity ∆Ẽ p (w) defined in Eq. (S1). This quantity depends on the interaction energy U n (x i , y j ) of solute type n in the average alloy, centered at position (x i , y j ) with respect to the edge dislocation aligned with z direction (see also Methods section). We compute the U EAM n (x i , y j ) solute-dislocation interaction energies for Mo, Nb, Ta, W, V solutes at the average alloy compositions listed in Supplementary Table 1 . The chemical energy for solutes near the core is then estimated using the EAM potentials. We subtract the EAM elastic misfit energy from the total EAM energy to Figure 3d shows U chem,EAM Nb in NbTaV as an example of the magnitude and localization to atoms in the dislocation core.
First-principles DFT is used to compute the solute misfit volumes in the true random MoNbTaW and MoNbTaVW alloys (see Supp. Info. 3), as shown in Supplementary Table  1 . The misfit volumes closely follow Vegard's law, ∆V n = V n −V whereV = N n=1 c n V n is the alloy atomic volume and V n the elemental BCC atomic volumes. For other alloy compositions, we thus use Vegard's law. The edge dislocation pressure field is computed using the average alloy EAM potential.
The EAM elastic constants C 11 and C 12 agree well with DFT-computed values for the MoNbTaW and MoNbTaVW alloys (Supplementary Table 1 ). The EAM value for C 44 is actually better than the DFT value, which is known to be underestimated in BCC metals
c n C ij using the EAM values of the elements yields good agreement for the alloys and is used for other compositions.
SI -DFT computations of solute misfit volumes in NbMoTaW and NbMoTaWV alloys
First-principle DFT calculations have been performed to calculate misfit volumes and elastic constants for nominal Mo-Nb-Ta-W and Mo-Nb-Ta-V-W compositions. The Vienna Ab initio Simulation Package (VASP) has been used S6, 7 . The exchange-correlation functional is treated within the generalized gradient approximation (GGA) with Perdew-Burke-Ernzerhof (PBE) parameterization
S8
. The core electrons are replaced by the PAW pseudopotentials
S9
. The number of valence electrons in the pseudopotentials are listed in Supplementary Table 2 . The valence-electron eigenstates are expanded using a spin-free plane wave basis set with a cutoff energy 550 eV. A first-order Methfessel-Paxton method S10 with 0.2 eV is used to smear the occupancy of the eigenstates. In reciprocal space, Γ-centered Monkhorst-Pack S11 k-mesh is used. We try to keep the density of the k-mesh consistent for various geometries, where the interval between two neighboring k-mesh points along any reciprocal lattice b i is set to be 0.02 A −1 (a i · b j = δ ij ). Taking BCC V as an example, this k-mesh density leads to a sampling of 17 × 17 × 17 in the 2-atoms cubic unit cell. In all calculations, atoms are relaxed until the maximum atomic force is below 1 meV/Å, which corresponds to a stress tolerance of ∼ 0.01 GPa in VASP.
Based on the parameters stated above, elemental references are tested. For each element, the lattice constant a 0 and bulk modulus B 0 are calculated by fitting energy-volume curve to the Birch-Murnaghan equation of state. Results are shown in Supplementary Table 2, which are very close to the DFT values reported in previous literature and also in a reasonable agreement with experiments.
We thus proceed calculating the misfit volumes for the nominal MoNbTaW and MoNbTaVW configurations. To this end, we first calculate the equilibrium atomic volume V alloy 0 of the alloys at nominal composition by constructing special quasi-random structures (SQSs)
S14
. Then,
S5
we compute the equilibrium volume V alloy n for independently generated SQSs, where the concentration of type-n atom has been changed by dc n around the original nominal composition. Note, that since concentration of all other elements needs to be changed proportionally, such that the final n c n = 1, then the composition variation dc n results in a concentration change x s = dc n /(1 − c n ). The misfit volume ∆V ), and a positive and negative composition variation dc n (see Supplementary  Table 3 ), under the constrain n c n ∆V n = 0Å 3 for all compositions. The elastic constants of the MoNbTaW and MoNbTaWV alloys are calculated by averaging the calculated elastic constants C ij of two SQSs per composition. The component of the elasticity tensor are determined by applying 6 linearly independent strains of magnitude 0.2%, calculating the cell stress σ and using Hooke's law to determine the elasticity tensor. Since randomness breaks the BCC symmetry, averaging is performed over all the BCC symmetryequivalent components.
All results from DFT calculations are reported in Supplementary Table 1 .
SI -Low-energy dislocation structures: theory vs simulations
We compare the theory predictions for the characteristic lengths ζ c and w c with the dislocation waviness measured in the T=0K simulations. Note that the simulations do not necessarily correspond to the true low-energy structure since relaxation at T=0K can result in a metastable minimum.
For each simulated composition, the atomic configurations for N = 10 dislocation lines are extracted using the DXA algorithm S15 . For each dislocation line i, the height-height correlation function g i (r) is computed as
where h i (x) is the deviation of the dislocation line along the glide plane from the average dislocation line h i,avg = h i (x) at point x along the average dislocation line coordinate. The computed correlation functions are shown as thin blue lines in Supplementary Figure 1 for one typical alloy, NbTaV. The average autocorrelation function g(r) =
is shown as the thick blue line in Supplementary Figure 1 .
For a sinusoidal configuration, which approximates the structure used in the theory, the correlation function is predicted to be
with the value at r=0 being w Supplementary Table 4 .
In general, the theory value for w c is slightly larger than the simulation value while the theory value for ζ c is somewhat smaller than the simulation value. Given the uncertainties in both simulations, and approximate sinusoidal model, the agreement here broadly confirms the length scales controlling dislocation energetics in these HEA alloys.
SI -Effects of local composition and microstructure
No grain-size Hall-Petch effect is accounted for, since the average grain size of the as-cast materials is fairly large, 80 − 200 µm. At these grain sizes, an empirical rule-of-mixtures relation can be used along with the Hall-Petch effects in the elemental metals
15
, resulting in a temperature-independent increase of the yield strength by ∼ 50 MPa.
Results shown in the main text also relate to the average compositions measured in the ascast specimens. The as-cast speciments have a dendritic structure at the scale of ≈ 20µm, with different compositions in the dendritic and interdendritic regions. If the lattice constants and yield strengths of these two regions are very similar, then the overall composite material may behave as an effectively single-phase material. To investigate this issue, we have applied the theory to predict the strengths of the dendritic and interdendritic materials using their reported average compositions, as shown in Supplementary Figure 2 . For the alloys considered here, except MoNbTaV, the values closely straddle the value of the overall average composition. For the MoNbTaV alloy, the dendritic region is 158 MPa stronger than the interdendritic composition, and 78 MPa weaker than the average composition. The strength of the experimental MoNbTaV alloy may thus be between the dendritic and interdendritic values (closer to dendritic since the phase fraction of dendrites is higher than interdendritic regions). Limited data is available on annealed materials. Annealing of a HfMoNbTiZr BCC alloy 24 led to a decrease in strength of 144 MPa. Similar decreases may apply to other materials. On the other hand, the small size of the dendritic arms (20 µm) might provide further Hall-Petch type strengthening. These aspects may explain why the theory underpredicts the measured strength in MoNbTaV, although the predictions remain quite reasonable.
SI -Dependence of theory predictions on dislocation line tension
The T=0K yield strength and energy barrier depend on the line tension Γ, scaling as τ y0 ≈ Γ −1/3
and
, respectively. Changes in Γ thus change the strength and barrier in opposite directions, leading to some cancellation of effects at moderate and high temperatures. Thus, S7 predictions are not strongly sensitive to Γ except at very low temperature. We also note that the length scale w c is independent of Γ while the length scale ζ c ≈ Γ 2/3 , so that ζ c is the quantity most sensitive to Γ (and most difficult to determine from simulations).
The line tension is generally expressed as Γ = αμb 2 , which captures the proper scalings with (effective isotropic) alloy shear modulusμ and b. Variations in Γ are thus manifest through the non-dimensional parameter α. Work in FCC alloys has previously used α = 1/8 (27, S3) based on atomistic simulations of dislocation bow-out
S16
. Varvenne et al.
27
have shown that the low-temperature strength may be better-predicted using the value α = 1/16. For long dislocation lines, the line tension is dominated by elasticity and so is independent of any underlying crystal structure. Thus, aside from the contributions due to dislocation core energy that are not negligible at very small dislocation lengths, values for α for BCC metals are expected to be in the same range as those for FCC metals.
With the above background, Supplementary Figure 3 shows the predictions for strengths of the BCC HEAS for the values α = 1/16, 1/12, 1/8 that span the expected range. Results in the main text use α = 1/12. The results in Supplementary Figure 3a show that the T=0C predictions are rather sensitive to the specific line tension. However, as anticipated, the results in Supplementary Figure 3b show that predictions at moderate to high temperatures (800-1600C) are quite insensitive to the specific choice of the line tension Γ, and within the uncertainties associated with other details (grain size effects, as-cast microstructure effects, solute/dislocation interaction energies, model uncertainty).
SI -The origin of the high temperature strength plateau
The experiments show a plateau in yield strength in the range 600C-1000C. The origin of this plateau in BCC alloys is not well-established. We postulate that dynamic strain aging (DSA) via "cross-core diffusion" S17 may generate additional strengthening in these alloys at intermediate temperatures. Cross-core diffusion occurs when solutes diffuse locally only across the core from higher-energy sites to lower-energy sites (see Figure 3b) . This leads to a time-and temperaturedependent strengthening that saturates once all cross-core motion has occurred, after which the normal decrease in strength with increasing temperature resumes. This is consistent with the experimental results in Figure 3b . The origins of the plateau require deeper study but do not detract from the broad success of the theory. 
